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Introduction {#sec1}
============

The abundant presence of portable electronics and upcoming transportation based on electric vehicles currently stimulates extensive research efforts to provide battery technologies with substantially increased electrochemical properties, environmentally less impacting chemistries, as well as enhanced cycle and calendar lifetime at affordable costs ([@bib51]). Owing to the clearly conflicting demands, the corresponding materials design strategies are not straightforward, and despite the impressive progress achieved in the field of lithium ion batteries, an advancement to next-generation lithium-metal and so-called anode-free batteries requires a conceptual shift away from current liquid electrolytes, e.g., toward inorganic, polymer, or hybrid electrolytes ([@bib27]; [@bib57]). Notably, practical application of polymer electrolytes with lithium metal electrodes was convincingly demonstrated by Blue Solutions, including Bluecar and Bluebus, although the achievable energy density of the lithium metal polymer (LMP) battery is strongly limited and considerably lower than that of state-of-the-art lithium ion batteries (LIBs), attributed to the low ionic conductivity and limited anodic stability of polyether-type polymer electrolytes and corresponding cathode material selection ([@bib66]; [@bib69]). Such examples demonstrate that further efforts and substantial progress are required to improve currently available polymer electrolytes, making them suitable for lithium metal-based battery (LMB) systems that are attractive and competitive to conventional LIB technologies. Among the various strategies for the design of alternative polymer electrolytes that promote the achievable ionic conductivity, fabrication of single-ion conducting polymer electrolytes (SIPEs) is currently considered as particularly interesting to afford materials relevant for lithium metal-based batteries (LMBs) ([@bib38]; [@bib70], [@bib75]). SIPEs could enable enhanced cell longevity since build-up of undesired cell polarization, a major reason for a growth of inhomogeneous Li deposits and eventually short circuits of the cell, could be prevented ([@bib10]). SIPEs have been prepared via synthesis of block copolymers (where the ionic transport properties and membrane morphology are adjusted via different block sizes and constituents) or polymers with alternating anionic and non-ionic monomers, even including direct copolymerization of lithium salt monomers ([@bib70], [@bib75]; [@bib19]). The resulting polymer electrolytes may be fabricated as solid electrolytes (often utilizing polyethylene oxide \[PEO\] as blend partner) ([@bib42]; [@bib39]) or "quasi-solid" electrolytes, in which substantially enhanced ionic conductivities are achieved upon addition of limited amounts (below 150 wt %) of salt-free, low-molecular-weight plasticizer(s) ([@bib64]; [@bib54]; [@bib38]; [@bib14]; [@bib28]; [@bib29]). This is in contrast to gel-type polymer electrolytes that might incorporate up to 2,200 wt % of plasticizer(s) ([@bib73]; [@bib78]; [@bib79]). To date, merely a few quasi-solid SIPEs with a room temperature (RT) ionic conductivity of 1 mS cm^−1^ or higher are reported ([@bib18]; [@bib46]; [@bib55]), whereas other plasticized SIPE material classes including block copolymers([@bib45]) or blend-type compounds([@bib74]; [@bib61]; [@bib76]; [@bib52]; [@bib54]; [@bib37]; [@bib49]; [@bib70], [@bib75]; [@bib20]; [@bib36]; [@bib13]; [@bib35]) do not accomplish ionic conductivities of more than 1 mS cm^−1^. However, in case of poly(vinylidene difluoride-*co*-hexafluoropropylene) (PVdF-HFP) blended SIPE membranes (the materials class investigated in this work), several promising single ion conducting polymer structures were explored, considering variations of the anionic species attached to polymer backbone or side chains, the ratio of the blend constituents, the nature of plasticizer molecules, as well as concepts for membrane fabrication and solvent uptake ([Table S1](#mmc1){ref-type="supplementary-material"}) ([@bib61]; [@bib74], [@bib76]; [@bib50], [@bib49]; [@bib37]; [@bib70], [@bib75], [@bib73]; [@bib20]; [@bib35]). Nevertheless, although different morphological features (e.g., represented by porous or rather dense membrane structures) were observed even for similar constituents and preparation procedures, the comparable transport properties (10^−4^ mS cm^−1^@ RT) in case of all the membranes clearly indicate that rational design of polymer electrolytes with substantial improvement of charge transport properties remains challenging. Employing solely experimental attempts for materials development, the exploration space is often limited to selected choices of chemical motifs comprising variations of monomer combinations, that the importance of eventually non-considered moieties on the actually achievable materials performance may be missed, or even hampers straightforward and systematic comparison of the invoked structural variants, hence rendering the potential of these materials classes partially unexploited.

Since atomistic molecular dynamics (MD) simulations based on parameterized force fields (that are derived from quantum chemistry and/or experimental data) are often sufficiently accurate at affordable computational costs, they constitute a valuable tool to provide insights into details of the charge carrier transport mechanisms, considering, e.g., ion speciation, diffusion coefficients, and localized ion distributions, in addition to structural arrangements of the constituent atoms reflecting molecular phase separation or to some extent occurring morphologies of polymer electrolytes ([@bib4]; [@bib60]; [@bib22]; [@bib43]; [@bib21]). So far, however, available computational studies of the charge carrier transport within polymer electrolytes focused primarily on polyether-type systems, neglecting other available polymer classes ([@bib77]; [@bib21]; [@bib24]; [@bib33]). Critical parameters to evaluate the capability of Li^+^ transport (as reflected by the bulk ionic conductivity) within a considered electrolyte comprise the transference number (which should be close to unity), the availability and valence of anionic moieties, the content of plasticizer(s), if any, as well as the chemical constitution, the underlying polymer structures (e.g., aromatic/linear backbone and, if present, side chain design, presence of chemical groups that interact with Li^+^, the overall Li^+^ concentration and degree of ion dissociation), and overall polymer morphology, including interconnectivity and percolation of charge transport channels. However, the interdependency of these parameters and, consequently, the complexity of ionic transport in combination with the overwhelming variety of different compounds and material classes investigated renders rational comparison and straightforward development even for compounds within the same material class highly challenging. Therefore, in this work, quasi-solid single-ion conducting polymer electrolytes suitable for application in LMBs are considered, clearly demonstrating the explicit roles of individual chemical entities governing the achievable bulk materials properties, including the macroscopic morphology (porosity) as well as ion transport properties. In particular, MD simulations complemented by experimental small angle X-ray scattering (SAXS) and Li^+^ species transport data enabled accurate sampling of local charge carrier environments and dynamical correlations thereof, hence revealing underlying transport mechanisms while unambiguously highlighting that apparently negligible backbone modifications significantly affect the achievable ion transport properties.

Results and Discussions {#sec2}
=======================

In most single-ion conducting polymer electrolytes, anions are either covalently anchored to the backbone or immobilized by neutral molecules ("anion acceptors") through classic Lewis acid-base theory ([@bib70], [@bib75]), so that the cationic species as major charge carriers are rather mobile despite their potentially strong electrostatic interactions with the anions. In the absence of plasticizers, ion motion mainly occurs via "hopping" processes, whereas for quasi-solid electrolytes, net charge transport due to translational diffusion of solvated Li^+^ species likely (also) contributes to the achievable ionic conductivity of the SIPE, irrespective of the present polymer morphology. In cases where the mechanical stability of the respective polymer electrolytes is insufficient to allow for preparation of self-standing membranes, polymer blending may conveniently enhance the mechanical properties. Several different blend partners were suggested ([@bib42]; [@bib44]; [@bib74]; [@bib78]), whereof PVdF-HFP is particularly known to impose excellent mechanical properties, as well as good thermal, chemical, and electrochemical stabilities, rendering it a highly favored blend partner for SIPEs ([@bib74], [@bib76]; [@bib37]; [@bib35]). Notably, [Figure 1](#fig1){ref-type="fig"} illustrates the actually achieved ionic conductivities at room temperature of previously reported SIPEs comparable with the quasi-solid blend membranes (**1b**), (**2b**), and (**3b**) of this work as a function of plasticizer/solvent uptake. All considered PVdF-HFP blended SIPE membranes exhibit different polymer architectures, solvent solutions, and membrane compositions (other major characteristics of the polymer blends are collected in [Table S1](#mmc1){ref-type="supplementary-material"}, see [Supplemental Information](#appsec1){ref-type="fn"}) ([@bib74]; [@bib61]; [@bib76]; [@bib52]; [@bib54]; [@bib37]; [@bib49]; [@bib70], [@bib75]; [@bib20]; [@bib36]; [@bib13]; [@bib35]). The obtained morphologies of polymer electrolyte membranes similarly prepared from solution casting varied from highly porous (micrometer-sized pores) ([@bib61]; [@bib74], [@bib76]; [@bib50], [@bib49]; [@bib54]; [@bib70], [@bib75], [@bib73]; [@bib20]; [@bib13]; [@bib35]) to rather dense structures (nanometer-sized pores), ([@bib74], [@bib76]; [@bib52]; [@bib37]; [@bib49]; [@bib36]; [@bib6]), with no clear trend for different SIPE structures. Note, though, that a homogeneous membrane morphology is considered beneficial to prevent the formation of inhomogeneous high-surface-area ("needle-like" or "dendritic") lithium (HSAL \[[@bib65]\]) deposits that otherwise could grow throughout the pore structures, eventually yielding short circuits within the cells ([@bib71]; [@bib34]).Figure 1Ionic Conductivities of PVdF-HFP Blended SIPE Membranes as Function of Plasticizer/Solvent Uptake at Room TemperatureOnly reports that allowed for meaningful comparison of the degree of solvent uptake and resulting lithium ion conductivities were considered, thereby regarding polymer blend electrolytes with solvent uptakes of ≤150 wt % as "quasi-solid." Particularly highlighted are the polymer electrolytes (**1b**), (**2b**), and (**3b**) introduced based on the proposed approach in this work.

Owing to variation of multiple parameters, a straightforward correlation of observable transport phenomena and electrochemical properties of the materials were not attempted so far, although in our previous work, substantial improvement of the ionic conductivity was achieved in case of optimized blend membrane compositions, while increasing the exploited charge carrier density by 40% ([@bib6]) (turquoise and red stars in [Figure 1](#fig1){ref-type="fig"}, both reflecting materials with rather dense polymer morphologies). Clearly, an impressive improvement of ion transport properties could be achieved based on the proposed approach in this work (red and green stars in [Figure 1](#fig1){ref-type="fig"}), maintaining the beneficial dense membrane morphology, unambiguously highlighting that better understanding of charge carrier transport phenomena and intermolecular interactions within the considered polymer electrolytes indeed constitute powerful means for tailored design of functional materials.

Impact of Functional Groups on Membrane Morphology and Transport Properties {#sec2.1}
---------------------------------------------------------------------------

Physically blending two polymers offers convenient opportunities to modify materials. Blends typically acquire small-scale spatial arrangements (referred to as "microstructure") that critically affect the resulting ion transport or electrochemical properties ([@bib58]). The impact of membrane morphology on ion transport properties was particularly studied in case of protonated polymer electrolyte membranes suitable for fuel cell application, where phase separation is utilized to induce formation of phase-separated nano-channels that improve ionic transport as well as mechanical properties, irrespective of the actual nature of the solvated charge carrier species. In contrast to solid polymer electrolytes, in which a lithium salt solvating polymer or a polymer block in combination with a second mechanically stiff compound enables the formation of continuous pathways for ion transport while ensuring mechanical stability ([@bib56]; [@bib63]; [@bib7]), multi-component polymer blends facilitate charge carrier transport networks via preferential incorporation of plasticizers/solvents into one (preferred) phase (either hydrophilic or hydrophobic) ([@bib59]; [@bib58]; [@bib45]). Hence, nano-phase separation in polymer electrolytes is rather beneficial for effective ionic transport compared with systems in which two block segments are intermixed ([@bib56]; [@bib63]; [@bib7]).

Herein, the single ion conducting compounds (**1**) or (**2**) ([Figure 2](#fig2){ref-type="fig"}A), which purposely differ solely in a single functional group, where (**1**) includes C(CF~3~)~2~ moieties ([@bib6]), whereas (**2**) has SO~2~ units within the polymer backbone ([@bib73]; [@bib35]), and PVdF-HFP were consulted for preparation of the blend membranes. As depicted in [Figure 2](#fig2){ref-type="fig"}B, the dry membranes produced by solution casting were plasticized in EC:PC (1:1, v:v), yielding (**1b**) and (**2b**). Thereby, based on our previous study in which optimization of the membrane composition with respect to their final morphology and ion transport properties was investigated ([@bib6]) the corresponding blend membranes were prepared with a polymer ((**1**) or (**2**)) to PVdF-HFP ratio of 3:1 and subjected to comparable plasticizer/solvent uptake of 140 wt %, (**1b**), and 150 wt %, (**2b**), respectively. The stated solvent amounts reflect the natural solvent uptake determined by the membrane weight after saturation is reached upon swelling. Note that natural solvent uptake was also identified as optimal solvent content within the experimentally accessible uptake range (cf. [Supplemental Information](#appsec1){ref-type="fn"}). Less solvent uptake reduced the achievable ionic conductivity, whereas attempts to exceed the natural solvent uptake resulted in volume expansion and partial dissolution of the polymer membrane. In case of (**1b**), changes in ionic conductivity for either 142 or 148 wt % were negligible ([Figure S1](#mmc1){ref-type="supplementary-material"}B), so that a comparison of (**1b**) and (**2b**) was feasible, including the charge transport properties of both quasi-solid polymer electrolytes.Figure 2Structural Comparison of System (**1**) and (**2**)(A) Chemical skeleton structures of the investigated single-ion conducting polymers, (B) schematic of the membrane composition, (C) SAXS data, (D) SEM images, and (E) AFM images of (**1b**) as well as (**2b**) at 298 (K).

[Figures 2](#fig2){ref-type="fig"}C--2E display the morphological features of the membranes on micrometer and nanometer scales based on small-angle X-ray scattering (SAXS), scanning electron microscopy (SEM), as well as atomic force microscopy (AFM). In particular, SAXS data ([Figure 2](#fig2){ref-type="fig"}C) reveal a broad peak for both membranes, indicating a (partially) phase-separated structure of the polymer blends ([@bib47]; [@bib11], [@bib12]). Since a clear scattering peak is observed for pure PVdF-HFP films, whereas no scattering peak was found for pure (amorphous) membranes of (**1**) ([Figure S2](#mmc1){ref-type="supplementary-material"}), all scattering features for the blend membranes reflect individual domains of crystalline PVdF-HFP, which are still present in the considered blend membrane, as also demonstrated by XRD data ([Figure S3](#mmc1){ref-type="supplementary-material"}). In agreement with both, a shift of the glass transition temperature *T*~*g*~ determined for these materials ([@bib73]; [@bib6]) and previous data of PVdF-HFP-based polymer blends produced by solution casting, the SAXS data in [Figure 2](#fig2){ref-type="fig"}C clearly is consistent with phase separation of crystalline PVdF-HFP and intermixed amorphous phases composed of single-ion conducting polymer and amorphous fractions of PVdF-HFP ([@bib47]; [@bib11], [@bib12]). Note that the presence of an intermixed phase is also supported by interactions between (**1**) and (**2**) with PVdF-HFP, as indicated by characteristic shifts in the Fourier transform infrared (FTIR) spectra corresponding to SO~2~, C=O, CH, and NH ([Supplemental Information](#appsec1){ref-type="fn"}, [Figures S4](#mmc1){ref-type="supplementary-material"} and [S5](#mmc1){ref-type="supplementary-material"}). The observable phase separation is induced by the applied solution casting process, since a corresponding SAXS peak can already be observed in the spectrum of a dry membrane ([Figure S1](#mmc1){ref-type="supplementary-material"}A). Upon swelling, the scattering peak shifts to lower q values owing to broadening of the solvent channels. The correlation distance is larger for (**1**), in particular 16.2 nm (0.38 nm^−1^) compared with 10.64 nm (0.59 nm^−1^) for (**2**). For both systems, in the high q region, the Porod exponent (q^-d^) describing the interphase and fractal dimensions of the scattering objects ([@bib26]) yields d = 4, reflecting sharp interphases between crystalline PVdF-HFP and intermixed blend domains ([@bib17]; [@bib45]). In addition, for both systems, strongly increasing intensities (close to Porod\'s law) in the low q region are indicative of micron-sized grains or clustering ([@bib45]; [@bib26]) These results are similar to recent observations in case of quasi-solid single-ion conducting block copolymers, demonstrating that the morphologies of phase-separated systems composed of either block copolymers or physically mixed blends are rather comparable ([@bib45]).

Although the phase segregation on a nanometer scale (SAXS) is comparable for the membranes (**1**) and (**2**), significant differences of the membrane morphology on the micrometer scale is evident from SEM data ([Figure 2](#fig2){ref-type="fig"}D), where (**1**) displays a mostly homogeneous morphology without distinct features, whereas micrometer-sized pores are readily visible in case of (**2**). AFM images in [Figure 2](#fig2){ref-type="fig"}E illustrate that even in (**1**) clusters of 200 nm (data analysis via *ImageJ*) are present, consistent with the trend of the SAXS curves in the lower q region. This indicates different extents or "tiers" of clustering (comprising macromolecular nodules at first, followed by formation of nodule aggregates and finally super-nodular aggregates \[pores\] provided that strong separation is induced) ([@bib32]), upon fabrication of polymer electrolytes with different chemical moieties, thereby strongly emphasizing the significance of these entities for the resulting membrane morphology. Based on careful consideration of porous membranes obtained by similar polymers ([@bib61]; [@bib74], [@bib76]; [@bib50]; [@bib37]; [@bib70], [@bib75], [@bib73]; [@bib20]), it was postulated that polymer blends composed of aromatic SIPEs and linear polymers generally should result in rather porous membranes, hence recommending utilization of linear monomer units in SIPEs for a successful fabrication of homogeneous membranes ([@bib74], [@bib76]; [@bib37]). Although the impact of polymer architecture on the actual membrane morphology is of significant technological interest in case of many blends and block copolymers ([@bib48]), the explicit impact of the variation of backbone moieties has not been discussed so far. Therefore, computational and experimental (FTIR spectroscopy) investigations ([Figures S4](#mmc1){ref-type="supplementary-material"} and [S5](#mmc1){ref-type="supplementary-material"}) were performed to determine the degree of intermolecular bonding between the blend partners. CF-HN intermolecular bonding ([@bib23]; [@bib67]) is present in both systems, also O=S=O- HN interactions between different polyamide chains in (**2b**), indicating that strong specific intermolecular interactions between the considered blend partners can be excluded as origin of macro-sized pores. Rather, the observable phase separation results from the polarity of present chemical moieties (-SO~2~ is highly polar, -CF~3~ and PVdF-HFP are less polar) and is induced/enforced by solvent polarity gradients occurring upon solution casting. During membrane drying and evaporation of polar solvents, stronger phase separation of (**2**) and PVdF-HFP compared with (**1**) and PVdF-HFP occurs ([@bib11], [@bib12]).

Although SEM and SAXS reveal meso- or micro-scaled structural features of polymer membranes, they are not sufficient for sampling of local/molecular-scale structures relevant to lithium ion coordination. In contrast, atomistic MD simulations with polarizable force fields quite accurately capture local structures and charge carrier dynamics in polymers ([@bib2]) and hence were employed. Although MD simulations cannot access the micrometer scale to resolve the morphology of *entire* polymer membranes, nanometer-segregated structures inside SIPE-rich phase (with similar characteristics from SAXS for (**1b**) and (**2b**)) that primarily define Li transport can be readily accessed on time scales sufficient to reliably sample the lithium ion dynamics relevant for the bulk charge transport. The MD data reveal correlations consistent with the phase separation observed in experimental data, where the F-F radial distribution function (RDF) of (**1b**) ([Figure 3](#fig3){ref-type="fig"}) exhibits no observable structural correlation, i.e., no aggregation, whereas a wide RDF peak is observed in (**2b**), reflecting substantial aggregation of PVdF-HFP and phase separation from the anionic polymer (SIPE). Note that hydrogen bonds between O~SO2~ and H~amide~ provide additional attraction between anionic polymer segments, further enhancing phase segregation. Representative snapshots of the simulated systems (**1b**) and (**2b**) are shown in [Figure 4](#fig4){ref-type="fig"}, highlighting Li^+^ that are "bound" (blue) and those considered as "free" (purple). Note that Li^+^ ions with at least one anionic, amide, or sulfone oxygen atom in their first coordination shell are referred to as bound to the polymer at any given time, whereas those coordinated solely by oxygens from carbonate solvent molecules are termed free, since they represent the mobile charge carriers responsible for the observable ionic conductivity.Figure 3Structural Correlation in (**1b**) and (**2b**) with (**2b-0**) Being a Derivative System of (**2b**), in which the S-O Dipole Moment Is Scaled to ZeroComparison of (A) F-F interactions of PVdF-HFP and (B) O~SO2~-H~amide~.Figure 4Snapshots of (**1b**) and (**2b**) Obtained from MD Simulations Illustrating Polymer-Bound and Free Li^+^ Ions as well Illustrating the Heterogeneity of SIC Structure

The snapshots clearly illustrate nanoscale segregation between plasticizer/solvent and the polymer phases, with the latter showing some regions of PVdF-HFP clustering as well as regions of intermixing of the two polymers, in good agreement with SAXS data. MD simulations show that Li^+^ ions stay away from the regions occupied by PVdF-HFP chains and primarily coordinate diphenyl amide units or partition to the carbonate solvent-rich domains. The RDFs, *g(r)*, were calculated using MD trajectories to explore local structural correlations of Li^+^ ions and their coordinating species. The correlations between Li^+^ ions and oxygen atoms of anions (SO~2~-N^-^-SO~2~) $g_{Li^{+} - O_{anion}}\left( r \right)$, between Li^+^ and double-bonded oxygen within amide groups of the polymer backbone (CO-NH) $g_{Li^{+} - O_{amide}}\left( r \right)$, between Li^+^ and solvent double-bonded oxygen atoms $g_{Li^{+} - O_{solvent}}\left( r \right)$, as well as between Li^+^ and the sulfone oxygen atoms (SO~2~, only in (**2b**)) $g_{Li^{+} - O_{sulfone}}\left( r \right)$ obtained from simulations at 300 K are shown in [Figure 5](#fig5){ref-type="fig"}A. The *g(r)* for other temperatures are collected in the [Supplemental Information](#appsec1){ref-type="fn"} ([Figure S6](#mmc1){ref-type="supplementary-material"}), although the actual impact of temperature on *g(r)* is not significant. The first solvation shell of Li^+^ ion by oxygen atoms can be defined as first minimum in the corresponding *g(r)* (at ∼2.9 Å for all types of oxygen atoms); the corresponding number of oxygen atoms within the Li^+^ first coordination shell for both compounds is shown in [Figure 5](#fig5){ref-type="fig"}B. Note that the total number of oxygen atoms within the first coordination shell of the Li^+^ ion is ≈4, independent of solvent concentration or the nature of single-ion conducting polymer ([Figure S6](#mmc1){ref-type="supplementary-material"}), similar to carbonate-based bulk solvent mixtures ([@bib5]). In (**1b**), as anticipated, the higher solvent content results in an increased coordination of Li^+^ by solvent molecules and reduction of coordination by oxygens of the anionic polymer (SIPE), hence affording enhanced ionic conductivities ([Figure S1](#mmc1){ref-type="supplementary-material"}B), whereas in (**2b**), there is a slight increase in coordination of Li^+^ with anionic oxygens as well as with solvent molecules and noticeably less binding with the amide oxygen in the backbone, while merely a small fraction of sulfone oxygen atoms coordinates to Li^+^. [Figure 5](#fig5){ref-type="fig"}C illustrates the solvation structure of Li^+^ with respect to the number of coordinating oxygen atoms corresponding to EC or PC molecules. The x and y axes show the number of oxygen atoms from PC and EC, respectively, whereas the color represents the probability of their occurrence *N*~*o*~. The likeliest constellation is Li^+^EC~1~PC~1~Polymer~x~ (ca. 27%) with Li^+^ being coordinated to *one* EC and *one* PC molecule while being additionally coordinated to the polymer. Coordination of Li^+^ to *two* EC and *two* PC molecules represents the second most probable scenario (18%, most of them might be Li^+^EC~2~PC~2~ reflecting completely solvated Li^+^ ions). Solvation by more than *four* oxygen atoms is rare, and solvation by either only EC or only PC is not observed. Indeed, the solvation behavior with respect to EC and PC is almost identical (symmetric coloration regarding the "slope 1" line in [Figure 5](#fig5){ref-type="fig"}C), which implies that, for Li^+^, oxygen atoms corresponding to EC are non-distinguishable from oxygen in PC. This observation is reasonable owing to the similarity in the chemical structure of both solvent molecules.Figure 5Analysis of Li^+^ Coordination in System (**1b**) and (**2b**)(A) Li^+^-oxygen radial distribution function (solid lines) and coordination numbers (dashed lines).(B) The average number of oxygen atoms within Li^+^ first coordination shell.(C) Probability (color scale) of different solvation structures (number of coordinating oxygen atoms from EC and PC molecules) of Li^+^.

Notably, MD data predict a fraction of ≈32% of "free" Li^+^ in (**1b**) membranes (in agreement to experimental data) ([@bib6]) and 26% of free ions in (**2b**) (at solvent uptakes of 140 and 150 wt %), respectively. The fraction of free Li^+^ at different solvent contents can be found in [Figure S7](#mmc1){ref-type="supplementary-material"}; this classification is based on structural correlations. As experimental counterpart to determine and quantify Li^+^-anion and Li^+^-solvent interactions, as well as for verification of simulated data, IR and Raman spectroscopy in principle constitute powerful tools, yet it was demonstrated even in case of plain Li-salt/EC and Li-salt/PC systems that quantitative evaluation of Li^+^ speciation based on corresponding IR/Raman peak assignments remains ambiguous ([@bib1]). Considering highly functionalized polymers with many different functional groups, explicit separation of individual contributions of present moieties is even more challenging, owing to commonly strong overlap of spectroscopic signals, so that both Li^+^ speciation and intermolecular interactions cannot be reliably quantified by spectroscopic data. However, a clear trend of higher degrees of ion dissociation could be observed at higher plasticizer/solvent contents of the polymer electrolytes ([Figures S8--S10](#mmc1){ref-type="supplementary-material"}). In addition to structural features, dynamical properties of (**1b**) and (**2b**) were examined, particularly in view of the significant fraction of Li^+^ ions that interact with the anionic polymer (O~anion~, O~amide~, and O~SO2~), thereby assessing how long each coordinating atoms/species stay within the Li^+^ coordination shell(s). The corresponding kinetics can be analyzed via calculation of residence times (τ) of Li^+^ close to oxygen atoms (within the first coordination shell), as shown in [Figure 6](#fig6){ref-type="fig"}A, although detailed descriptions of the calculation procedure and residence times in different solvent content are summarized in the [Supplemental Information](#appsec1){ref-type="fn"} ([Figure S11](#mmc1){ref-type="supplementary-material"}). $\tau_{Li - O_{anion}},\ \tau_{Li - O_{sulfone}}$, and $\tau_{Li - O_{amide}}$ are on the order of several nanoseconds, which is significantly (from a factor of 6 to more than an order of magnitude) larger than $\tau_{Li - O_{solvent}}$. Although the strong binding of Li^+^ to anionic units is expected, the comparably strong binding to amide linker oxygen atoms as well as to SO~2~ groups in (**2b**) was not obvious *a priori*. Considering that less than 10% of the overall Li^+^ ion transport occurs along the polymer backbone ([Figure S12](#mmc1){ref-type="supplementary-material"}), higher fractions of bound Li^+^ and long residence times within the first coordination shell of both types of oxygen atoms can critically limit the achievable lithium ion conductivity of the polymer blend electrolyte. Conductivity values calculated from MD simulations and experimentally obtained data presented in [Figure 6](#fig6){ref-type="fig"}B show an excellent agreement for both systems. (Note that simulations utilizing non-polarizable force fields are typically off from experimental results by almost an order of magnitude \[[@bib3]\].) Moreover, the slopes of temperature-dependent ionic conductivities are consistent between MD simulations and experiments, thus further corroborating that the actual activation energy for Li^+^ diffusion is accurately captured by MD data. As anticipated by the observations of Li^+^ ion association, the degree of ion dissociation in (**2b**) is reduced, yielding a lower ionic conductivity $\text{σ}_{Li^{+}}$ by 22% in simulations and by 28% in experiments compared with (**1b**).Figure 6Li^+^ Ion Transport-Related Properties in (**1b**) and (**2b**)Temperature dependence of (A) Li^+^ coordination residence times and (B) Ionic conductivity of polymer membranes. Closed symbols: experimental data (EXP), open symbols: simulated values (MD).

Clearly, a reduction of bound Li^+^ fractions and/or weakening of binding between Li^+^ ions and polymer backbone moieties are highly adequate pathways to increase the achievable lithium ion conductivity of the considered class of quasi-solid polymer electrolytes. In view of long residence times of Li^+^ ions near amide groups and no importance of this group to any other aspects of battery performance, an elimination of amide groups from the polymer backbone should enhance the Li^+^ mobility without compromising the excellent cell performance of the SIPE membranes. This hypothesis was first explored in MD simulations, where modification of (**1b**) was mimicked by rescaling the dipole moment of the amide group of the initial system, thereby weakening interactions among amide units and Li^+^ while keeping all other properties (polymer chain lengths and membrane composition) of the polymer blend system constant. The scaling of amide dipole groups to 25% of its original value effectively is equivalent to a replacement of the strongly polar C=O group with CH~2~ achieved by chemical reduction of the protonated amide (**1-H**) using LiAlH4 thereby yielding (**3-H**) and subsequent lithiation to (**3**) as shown in [Figure 7](#fig7){ref-type="fig"}A. MD simulations demonstrated that, in the (**3b**) equivalent membrane, the polymer backbone has a very similar distribution of conformations and the resulting membrane morphology appears very similar as in case of (**1b**). All the changes in Li^+^ coordination number within the first coordination shell are detailed in [Figure 7](#fig7){ref-type="fig"}B, reflecting that strong Li^+^ binding/coordination to amide groups present in polymer (**1b)** is fully absent in (**3b)** (see, e.g., Li-C~linker~ coordination), while Li^+^ coordination with anion and solvents is promoted. The distribution of different solvation structures (EC versus PC molecules) of Li^+^ remains similar to (**1b)** and is displayed in [Figure S6](#mmc1){ref-type="supplementary-material"}H. The head-to-head comparison of Li^+^ residence times near the anions, solvents, and linker groups in (**1b**) and (**3b**) is presented in [Figure 7](#fig7){ref-type="fig"}C; residence times of Li^+^ within the first Li^+^-O~anion~ and Li^+^-O~sol~ coordination are comparable, whereas the difference in residence near the C~linker~ drops by two orders of magnitude.Figure 7Chemical Modification of (**1**) and Characterization of the Subsequent Compound (**3**) and Membrane (**3b**)(A) Synthesis route and chemical structures of fluorinated polysulfonamine (**3**), as modification of (**1**); (B) Comparison of MD data for Li^+^ coordination numbers with anion, solvent, and linker in (**1b**) and (**3b**) (the C~linker~ is the linker carbon that bonds to N in original amide groups, highlighted with red circle in (A), whereas the Li^+^-C~linker~ RDF can be found in [Figure S6](#mmc1){ref-type="supplementary-material"}); (C) Residence times of Li^+^ inside the first coordination shell of different groups obtained from MD simulations of (**1b**) and (**3b**); (D) Experimental temperature-dependent ionic conductivity of (**1b**) and (**3b**); (E) SEM image of (**3b**); and (F) SAXS data for (**1b**) and (**3b**).

As a result, the MD simulations of (**3b**) equivalent membrane indicated enhancement of the free Li^+^ fraction by 40%, accompanied by a higher self-diffusion coefficient of *D*~*Li+*~ = 12.2∗10^−11^ m^2^s^−1^ in (**3b**) compared with *D*~*Li+*~ = 8.6∗10^−11^ m^2^s^−1^ in (**1b**), reflecting an increase by 41.8%. The anticipated ionic conductivity $\sigma_{Li^{+}}$ is significantly increased (by 47%) when the dipole moment of amide groups in (**1b**) is scaled down to merely 25% of the "original" value, in this way approximating the blend polymer electrolyte (**3b**). These data clearly highlight that C=O moieties within the polymer backbone act as Li^+^ "traps" and should be preferentially avoided to release bound Li^+^ ions, in this way boosting the fraction of free Li^+^ (merely solvated by carbonates) that mainly contributes to the charge transport within the respective polymer electrolytes. Experimentally, different options are available to reduce or avoid the presence of C=O functional group within the polysulfonamide backbone. In particular, other monomers containing, e.g., -OH and -F or -OH and -Cl end groups, yielding polyaryleneethers ([@bib40]; [@bib11], [@bib12]) could be considered, although a more straightforward approach comprises modification of the polymer. As presented in [Figure 7](#fig7){ref-type="fig"}A, a single Li ion conducting polysulfonamine (**3**) was achieved by reduction of the C=O functional groups of the protonated polysulfonamide (**1-H**) by LiAlH~4~ yielding the protonated polysulfonamine (**3-H)** and subsequent lithiation. Complete reduction of the polymer backbone was confirmed by solution NMR (^1^H shift of the NH signal from 10.6 to 4.3 ppm, ^13^C shift from 165.7 ppm for C=O to 46.8 ppm for CH~2~, spectra of the final product are shown in the [Supplemental Information](#appsec1){ref-type="fn"}, [Figure S13](#mmc1){ref-type="supplementary-material"}). From the obtained polysulfonamine (**3**) (see [Figure 7](#fig7){ref-type="fig"}A), a polymer electrolyte membrane (**3b**) was fabricated similar to (**1b**), including a solvent uptake of 140 wt % (EC:PC), rendering straightforward comparison of (**1b**) and (**3b**) feasible. The introduced membrane (**3b**) affords a similar morphology as (**1b**) and has a rather dense macroscopic structure without micrometer-sized pores ([Figure 7](#fig7){ref-type="fig"}E), as anticipated from the polarity of the polymer compounds and solvents (cf. as discussed in the beginning of this section). On the nanometer scale (SAXS analysis, [Figure 7](#fig7){ref-type="fig"}F), particularly the q^−4^ dependence and peak at 0.16 nm^−1^ reveal phase separation with 39.25 nm distance between crystalline PVdF-HFP domains (which is roughly twice as in (**1b**)). In case of (**3b**), an impressive increase of ionic conductivity was observed within the considered temperature range (250--350 K, [Figure 7](#fig7){ref-type="fig"}D), although the Li^+^ ion self-diffusivity of both materials (derived from PFG NMR) remained almost constant after modification of the polymer backbones ((**1b**): *D*~*Li*~^+^ = 4.6⋅10^−11^ ± 0.2 m^2^s^−1^; (**3b**): 4.7⋅10^−11^ ± 0.2m^2^s^−1^, each at 20°C). The latter observation is not consistent with the MD data (where the increase of self-diffusion coefficients and ionic conductivity for (**3b**) were similar), hence suggesting that the achieved increase in ionic conductivity is due to higher concentrations of free Li^+^ ions, e.g., the ones not associated with a polymer backbone. However, in order for this mechanism to be fully valid, the average residence times of Li^+^ ions at polymer sites should be longer than effective observation/correlation times typically sampled in PFG NMR measurements. In addition, the Li^+^ transference number of (**3b**) was determined to be $t_{Li^{+}} = 0.9$ ([Figure 8](#fig8){ref-type="fig"}A), identical to the value obtained for precursor material (**1b**) ([@bib6]), as anticipated, since the invoked modification of the backbone should not alter the anionic (polymer backbone) mobility. Based on the determined transport properties, the ion mobility and degree of ion dissociation in case (**3b**) is estimated by applying the Einstein relation and Nernst-Einstein equation ([Supplemental Information](#appsec1){ref-type="fn"}, [Equations S15](#mmc1){ref-type="supplementary-material"} and [S16](#mmc1){ref-type="supplementary-material"}) ([@bib6]), revealing that the backbone modification results in higher fractions of dissociated Li^+^ ions (45% ± 4% (**3b**) rather than 29% ± 4% (**1b**)), in good agreement with predictions from MD simulations. Note that the comparison of polymer segmental dynamical relaxations for both (**1b**) and (**3b**) disclosed almost identical incoherent dynamical structural factors, therefore indicating that the change in Li^+^ dissociation with the polymeric anion is the primary cause for enhanced transport instead of enhanced flexibility of polymer chains. Since the repeat unit of single ion conducting polymer chains within the MD simulation remained constant at x = 16, an apparent change in molecular weight can be safely excluded as potential origin for the achieved improvement of the ionic conductivity for (**3b**). Rather, better tortuosity within (**3b**), as reflected by increased distances between crystalline PVdF-HFP domains and hence localized changes of the channel structure, facilitates more effective transport of Li^+^ ions in (**3b**) compared with (**1b**), although the concept of tortuosity in practice is not always consistently defined ([@bib25]).Figure 8Determination of the Transference Number of (**3b**)(A) Chronoamperometry and impedance measurement; (B) Electrochemical stability window.

The electrochemical stability window of (**3b**) determined by linear sweep voltammetry is shown in [Figure 8](#fig8){ref-type="fig"}B. In the oxidative curve (red), an increase in current density at potentials higher than 4.6 V versus Li\|Li^+^ reveals decomposition of the polymer membrane, whereas in the reductive part (black), a slight increase in current density occurs at potentials below 1.0 V versus Li\|Li^+^ reflecting ongoing reduction of ethylene carbonate ([@bib72]; [@bib45]); at a potential of 0 V versus Li\|Li^+^, plating of metallic Li occurs.

Long-term cycling stability of the introduced polyamine blend (**3b**) against Li metal was demonstrated by stripping/plating experiments at a current density of 0.1 mA cm^−2^ for 1 h per half cycle ([Figure 9](#fig9){ref-type="fig"}B). The voltage profiles exhibit an almost rectangular shape, evidencing that no detrimental polarization effects occurred. The overvoltage slightly decreases from 25 to 20 mV within 250 h, reflecting a slight roughening of Li metal electrode surfaces upon continuous deposition/dissolution of lithium, although the absence of significant changes in the progression of the overvoltage confirm long-term stability of (**3b**) against Li metal. The rate performance and long-term stability in LFP-based cells at 60°C is also demonstrated ([Figures 9](#fig9){ref-type="fig"}C and 9D). Note that the operational temperature was set to *T* = 60°C in all cycling investigations, in this way allowing for representative electrochemical performance. As demonstrated in [Figure 9](#fig9){ref-type="fig"}A, as the operational temperature is set to *T* = 20°C, the electrolyte resistance *R*~*EL*~ of the cell increases by less than a factor of two (from 4.2 ± 1.2 to 7.7 ± 1.2 Ω), in agreement to the values obtained for ionic conductivity, whereas the interphase resistance *R*~*SEI*/*CEI*~ (of both cathode and anode interface) and the accumulated charge transfer resistance *R*~*CT*~ of both electrodes are increased by a factor of 3 (24.9 ± 0.4 versus 74.1 ± 0.6 Ω) and 13 (145.1 ± 3.0 versus 1,904.9 ± 172.0 Ω), respectively. This clearly indicates that electrode interphases and charge transfer kinetics are the limiting factors during cell operation, which result in a larger voltage drop; thus, the cutoff voltage is being reached at a lower cathode potential, which in turn yields a significant decrease in achievable specific capacity while capacity decay is reduced, as also reported for other comparable polymer electrolytes ([@bib52]; [@bib49]; [@bib6]; [@bib35]).Figure 9Electrochemical Characterization of (**3b**)(A) EIS spectra and corresponding resistances of (**3b**) assembled in an NMC\|\|Li cell at 20°C and 60°C; (B) Voltage versus time curves for a symmetrical Li\|\|Li cell cycled at 0.1 mA/cm^2^ at 60°C for 1 h per half cycle; (C--E) Galvanostatic cycling at 60°C: (C) Rate performance test of (**3b**) in a Li\|\|LFP cell, (D) Long-term cycling of (**3b**) in a Li\|\|LFP cell, and (E) Comparison of the long-term performance of (**3b**) and (**2b**) in an NMC111\|\|Li cell.

The specific capacity obtained at a moderate discharge rate of 0.05 C amounts to 150.5 mAhg^−1^, whereas at faster discharge rates specific capacities of 139.5 (1C) and 93.6 mAhg^−1^ (2C) can be achieved. Long-term cycling was performed at charge/discharge rates of 0.5C at which a specific capacity of 142.8 mAhg^−1^ is reached in the first cycle. The Coulombic efficiency in every cycle is \>99.7%, and after 70 cycles, 98.8% of the initial specific capacity (141.1 mAhg^−1^) is still retained demonstrating the excellent longevity of the blend polymer membrane. [Figure 9](#fig9){ref-type="fig"}E shows the specific capacity and Coulombic efficiency of NMC111\|\|Li cells for (**2b**) and (**3b**), respectively. The cells show a low Coulombic efficiency for the first cycle, which is a typical behavior observed in NMC-based batteries and can be attributed to structural or kinetic changes within the cell ([@bib16]; [@bib30]; [@bib41]; [@bib31]). Later cycles have high Coulombic efficiency of \>98.5% and specific capacity of 159.4 mAhg^−1^ at C/20 and 148.3 mAhg^−1^ in cycle 4 at C/10, clearly demonstrating the suitability and high potential of the introduced polymer electrolyte for application in LMBs (and possibly also LIBs). Note, though, that in polymer electrolyte-based LIBs or LMBs, insufficient stability of (internal) interfaces constitutes a major issue with respect to potential long-term application and longevity of cells ([@bib7]; [@bib8], [@bib9]; [@bib14]). Compared with their liquid counterpart, polymer electrolytes cannot readily penetrate porous cathodes, often yielding higher interfacial resistances that impair fast charging/discharging procedures ([@bib7]; [@bib8], [@bib9]). Considering the development of high-performance but affordable polymer structures with excellent charge carrier transport properties, tailored design of electrode/electrolyte interfaces and interphases based on strategies derived from MD simulations, including detailed understanding of charge carrier transport dynamics and structural features, indeed constitutes a valid way toward future industrial application of invented polymer electrolytes ([@bib8], [@bib9]; [@bib68]), as successfully demonstrated by the current case study of quasi-solid blend polymer electrolytes. Indeed, combining computational and experimental data, it is proposed that likely Li^+^ traps comprising chemical moieties that potentially could strongly bind to Li^+^ ion (such as, e.g., double-bonded oxygen atoms within the polymer backbone or side chains) should be avoided, particularly involving double-bonded oxygen atoms (such as C=O or SO~2~ groups reflecting highly prominent units present in many recently reported polymer structures) ([@bib74], [@bib76]; [@bib50]; [@bib45]; [@bib73]; [@bib36]). This concept is applicable to anionic moieties, which for future polymer designs could be chosen/modified such that (besides increasing charge delocalization as strategy for single ion polymer designs \[[@bib70], [@bib75]\]) no strongly ion-binding functional groups remain at either the backbone or side chains. Unlike previous design strategies of quasi-solid or even gel-type electrolytes, which mainly focused on increasing plasticizer/solvent contents for an enhanced porosity of polymer membranes, all functional groups available in the material should be evaluated with respect to their impact on the achievable bulk properties of the electrolytes, including charge carrier dynamics.

Conclusion {#sec2.2}
----------

In this work, a holistic concept for materials development is proposed that delivers systematic improvement of polymer electrolytes based on detailed understanding of charge carrier transport dynamics and structural features from combined computational and experimental data, and in principle is also applicable for prediction of polymer processing strategies at interfaces. It is emphasized that apparently negligible variations in polymer architectures can have significant impact on the achievable bulk materials properties such as morphology (structural features) or ion transport properties (charge carrier dynamics). The concept is successfully demonstrated on single-ion conducting polysulfonamide polymer blends, where an exchange of sulfonyl (SO~2~) moieties with C(CF~3~)~2~ units within the polymer backbone not only alters the macroscopic morphology from porous to homogeneous structures but also boosts the available charge carrier transport by releasing previously bound Li^+^ ions (whose residence times revealed long-lived binding with available double-bonded oxygen atoms). Hence, as general design strategy, strong polar groups or strongly coordinating anions of the backbone (or side chains) of the polymer that impair effective Li^+^ ion mobility should be replaced, as evidenced by modification of a polyamide polymer architecture to a polyamine backbone, affording an enhanced room temperature ionic conductivity of 1.2 mS cm^−1^, which is the highest value among comparable quasi-solid polymer electrolytes (with respect to plasticizer/solvent contents) reported so far, clearly reflecting a higher degree of ion dissociation, as predicted by MD simulations. In addition, excellent electrochemical performance, such as oxidative stability to potentials of up to 4.6 V versus Li\|Li^+^, stability against Li metal, and long-term cycling in NMC111\|\|Li cells were achieved for the introduced polymer electrolyte (**3b**), illustrating the applicability of the proposed concept for advancement and design of single-ion conducting polymer electrolytes suitable for application in lithium ion and Li-metal batteries, and also other cases of energy storage and conversion including fuel cells, or electromechanical actuators as well as separation membranes.

Limitations of the Study {#sec2.3}
------------------------

For the current study, the thickness of the polymer membranes was around 80 μm, which is comparably thick considering conventional separators in case of liquid electrolyte-based LIBs (e.g., 25 μm for a Celgard 2,500 separator). Although significantly thinner membranes of 40 μm thickness were successfully fabricated within the frame of the study, processing (including punching and cell assembly) becomes more challenging with decreasing sample thickness since handling of the highly flexible membranes can readily result in membrane damage. However, reduction of membrane thickness is indeed required to achieve polymer-based LMBs that are competitive to current state-of-the-art liquid electrolyte-based cells (in terms of costs/volume/mass) as well as to reduce electrolyte and interface resistances. Thus, further optimization of membrane processing steps are highly desired.

Beyond that, in the present study, the applicability of the analyzed polymers was demonstrated by galvanostatic cycling under mild conditions (low current densities and elevated temperature), whereas for most real-life applications fast charging/discharging procedures at room temperatures are required.
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